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Abstract. We suggest a model, which describes the effect of grain boundary relaxation on the 
annealing-induced hardening in ultrafine-grained metals. Within the model, grain boundary 
relaxation during annealing is accompanied by a decrease in the number of grain boundary 
dislocation sources. The exhaustion of easily activated grain boundary dislocation sources 
results in the activation of harder grain boundary dislocation sources and/or repetitive action 
of the same dislocation sources. This gives rise to an increase in the strain hardening rate that 
can lead to an increase in the ultimate strength of ultrafine-grained solids. The results of the 
model agree with available experimental data. 
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1. Introduction 
The effect of the annealing-induced hardening (AIH) has been observed in many 
nanocrystalline (NC) and ultrafine-grained (UFG) metals and alloys (see, e.g., review [1] and 
original works [2-12]). This effect is in contrast to the annealing-induced softening of coarse-
grained metals and alloys associated with a decrease in the dislocation density and grain 
growth during annealing [1]. AIH in NC and UFG metals and alloys was attributed to various 
factors [1], among which one can distinguish annihilation of mobile dislocations, grain 
boundary (GB) sliding, GB relaxation (that is, a decrease in the GB specific energies and 
defect density at GBs), arrangement of dislocations into dislocation walls, solute segregations 
at GBs, dislocations or twin boundaries, formation of stacking faults and twinning. In 
particular, AIH of a UFG Ni alloy [10] and Ti [2] was accompanied by the observed 
dislocation clustering into low-angle GBs [2,10]. In contrast, in UFG Cu-Al-Zn alloys, AIH 
was shown to result from the solute segregation to lattice defects, twinning, and the formation 
of stacking faults during annealing [7,8]. In NC alloys and UFG Zn-based alloys, where 
plastic deformation can be realized via GB sliding at room temperature, annealing was 
demonstrated to hinder GB sliding, probably, as a result of GB relaxation and GB solute 
segregation, resulting in AIH [4,6,9].  
 Orlova et al. [11] suggested a model describing AIH in UFG Al documented in this 
work for the situation where plastic deformation in UFG Al involves limited GB sliding 
accommodated by GB dislocation climb and lattice dislocation motion from one GB to 
another. The presence of limited GB sliding in UFG Al at room temperature [11] was 
indirectly confirmed in ref. [12], which demonstrated a strong temperature dependence of the 
AIH effect that correlated well with the temperature dependence of GB sliding. At the same 
time, GB sliding is not commonly observed in UFG metals at room temperature, and such 
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metals are often believed to primarily deform via the emission of lattice dislocations from 
GBs [13]. In this case, annealing-induced GB relaxation can decrease the number of GB 
sources for lattice dislocation emission. This can lead to the dislocation source exhaustion and 
the resulting AIH. The aim of the present paper is to suggest a model that describes the effect 
of the GB dislocation source exhaustion on AIH in UFG metals and alloys. 
 
2. Theory 
Consider a UFG metallic solid under the action of a uniaxial tensile load (Fig. 1). We assume 
that plastic deformation in this solid occurs by dislocation emission from GB dislocation 
sources, their motion across grains, and absorption by GBs. We denote the average distance 
between adjacent GB sources in GBs as p  and the magnitude of the dislocation Burgers 
vector as b . The dislocations at GBs can induce significant back stresses, resulting in strain 
hardening.  

Fig. 1. A fragment of a UFG metallic solid under tensile load σ . Dislocations are generated at 
GB dislocation sources and move across grains to adjacent GBs 

 
At the same time, the buildup of the local stresses at GBs leads to the relaxation 

processes via the motion and annihilation of GB dislocations. This situation can be described 
by the model of Proudhon et al. [14]. Within this approach, the average number N  of 
dislocations that can be stored at GBs (per GB dislocation source) can be related to the plastic 
strain pε  via an empirical expression that leads to the saturation of the number of dislocations 
in GBs [15]: 

1
*p

N Mp N
b n pε

 ∂
= − ∂  

. (1) 

In formula (1) *n  is the fitting parameter that has the meaning of the maximum number 
of dislocations per unit GB length that can be stored at a GB, and M  is the Taylor factor 
(equal to 3.06 for isotropic face-centered cubic metallic matrices [16]). The first term in 
formula (1) describes an increase N +  in the number of dislocations due to dislocation 
emission from GB dislocation sources, which is calculated as ( / ) pN Mp b ε+ = . The second 
term in this formula describes dislocation annihilation at GBs. The solution of Eq. (1) for pε  
has the form  

* ln 1
*p
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M n p
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. (2) 

Consider a specified dislocation source in a GB. Let 0σ  be the critical applied load for 
the emission of the first dislocation from this GB dislocation source (hereafter referred to as 
the source strength), and N  be the number of dislocations stored at an opposite GB due to the 
action of this dislocation source. (This number is equal to the number of dislocations emitted 

p dislocation 
sources 

σ σ b 
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from this dislocation source and not annihilated at the opposite GB.) To calculate the critical 
applied load σ  for dislocation emission from the GB dislocation source, we follow refs. 
[17,18] that supposed the existence of linear dependence between the flow stress and the 
number of dislocations stored at GBs. Similarly, we assume that the critical applied load σ  
linearly depends on the number 'N  of dislocations previously stored at the GB due to the 
action of the specified dislocation source. Under this assumption, the critical applied load σ  
can be written as 0 'GNσ σ α= + , where G  is the shear modulus, and α  is a numerical factor. 
This means that the number 'N  of dislocations stored at the GB due to the action of the 
dislocation source prior to the emission of a new dislocation follows as 0' ( ) / ( )N Gσ σ α= −  
for 0σ σ≥ . Also, when a new dislocation is emitted from the GB source, it is stored at the 
opposite GB (that is, not annihilated) with the probability equal to /N N+ . Thus, the average 
number N  of dislocations stored at a GB due to the action of a dislocation source with the 
strength 0σ  is given by 

0 0[ / ( ) / ( )] ( )N N N G Hσ σ α σ σ+= + − − , (3) 
where ( )H x  is the Heaviside function equal to unity for 0x > , and to zero otherwise. 

To account for the effect of the source strength distribution, now assume that the 
dislocation source strength obeys the lognormal distribution with the mean source strength 0σ , 
described by the probability density 
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, (4) 

where s  denotes the dispersion of 0lnσ . Then the average number N  of dislocations that can 

be stored at a GB (per GB dislocation source) can be calculated as 0 00
( )N N dρ σ σ

∞
= ∫ . 

Substituting formula (3) to the latter relation, one obtains: 
1 2( / ) ( ) ( )N N N f fσ σ+= + , (5) 

where 1 0 00
( ) ( )f d

σ
σ ρ σ σ= ∫  and 2 0 0 00

( ) [1 / ( )] ( ) ( )f G d
σ

σ α ρ σ σ σ σ= −∫ . Substitution of 

equality ( / ) pN Mp b ε+ =  and formula (2) into (5) provides the following equation for N : 
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Solving equation (6) for N  and using formula (2), one can relate the plastic strain pε  to 
the true flow stress σ . Also, the total true strain ε  can be calculated as / pEε σ ε= + , where 
E  is the Young modulus of the specimen.  
 
3. Results 
Using the above equation, we calculate the dependences of the true flow stress σ  on true 
strain ε  for the case of UFG Al characterized by the following values of parameters: 

27G =  GPa, 70E =  GPa, 0.286b =  nm. We also put 0.25s = , 0 290σ =  MPa and 0.007α = . 
Figure 2a plots the dependences ( )σ ε  for the UFG Al specimen with * 0.06n =  nm-1 and two 
different values of the GB dislocation source spacing: 15p =  nm (solid blue line) and 25 nm 
(solid red line). 
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Fig. 2. Calculated (solid lines) and experimental (dashed lines) tensile stress-strain curves for 

UFG Al. The experimental dashed curves are taken from ref. [5] (a) and ref. [3] (b) 
 

The dashed curves depict the experimental tensile true stress–true strain curves [5] for 
UFG commercial purity Al before (dashed blue curve) and after (dashed red curve) annealing 
at 175°C for one hour. It is seen that the calculated curves agree well with the experimental 
ones. The calculated curves also demonstrate that a decrease in the number of GB dislocation 
sources due to the low-temperature annealing (which manifests itself in the increase in the GB 
source spacing from 15 to 25 nm) results in a strong increase in the work-hardening rate, and, 
as a consequence, in a rise of the flow stress at a specified strain.  
 Using the relations 1e eεε = −  and / (1 )eσ σ ε= + , one can relate the true flow stress σ  
and true strain ε  to the engineering flow stress eσ  and engineering strain eε . Figure 2b 
displays the calculated engineering stress–engineering strain curves for UFG Al with 

* 0.015n =  nm-1, 30p =  nm (solid blue line) and 38 nm (solid red line). The dashed curves 
illustrate the experimental tensile engineering stress–engineering strain curves [3] for UFG 
commercial purity Al before (dashed blue curve) and after (dashed red curve) annealing at 
150°C for 30 min. The calculated curves in Fig. 2b match the experimental ones, at least, until 
the onset of necking instability characterized by the maximum at the blue curves. Figure 2b 
shows that a decrease in the number of GB dislocation sources owing to the low-temperature 
annealing leads to an increase in both the work-hardening rate and the ultimate strength, 
although at the expense of reduced ductility. 
 
4. Concluding remarks 
In summary, GB relaxation via low-temperature annealing, which manifests itself in a 
decrease in the number of GB dislocation sources, seems to reasonably explain AIH in UFG 
metals. Within our model, the controlling parameter that determines the character of the 
stress-strain dependence, as well as the ultimate strength and ductility of UFG metallic solids 
is the distance p  between GB dislocation sources. A decrease in the number of GB 
dislocation sources leads to the dislocation source exhaustion. The activation of new GB 
dislocation sources with higher activation stress or the repeated activation of the same GB 
dislocation source requires a load increase. This gives rise to the observed (e.g., [1,3,5]) 
increase in the strain hardening rate that can lead to an increase in the ultimate strength of 
UFG solids. 
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